In situ neutron diffraction measurements were completed during tensile and compressive deformation of stainless steel 304L additively manufactured (AM) using a high power directed energy deposition process. Traditionally produced wrought 304L material was also studied for comparison. The AM material exhibited roughly 200 MPa higher flow stress relative to the wrought material. Crystallite size, crystallographic texture, dislocation density, and lattice strains were all characterized to understand the differences in the macroscopic mechanical behavior. The AM material's initial dislocation density was about 10 times that of the wrought material, and the flow strength of both materials obeyed the Taylor equation, indicating that the AM material's increased yield strength was primarily due to greater dislocation density. Also, ã 50 MPa flow strength tension/compression asymmetry was observed in the AM material, and several potential causes were examined.
I. INTRODUCTION
ADDITIVE manufacturing is a rapidly developing processing pathway that produces components by selectively melting and solidifying feedstock to build a desired geometry, rather than subtractive machining from cast or wrought material. [1] The difference in microstructures between additively manufactured (AM) and wrought components can be substantial, similar to the changes observed within welded microstructures. [2] This is significant because, in general, the options for altering the microstructure of AM components after fabrication are limited to thermal treatments, surface deformation (e.g., shot or laser peening), and chemical modifications (e.g., carburization). Bulk thermo-mechanical treatments such as rolling and forging which have been developed over centuries to optimize the microstructure of conventionally produced wrought materials cannot be readily applied to completed AM structures because components are generally built to near-net shape to minimize the amount of material and post-build machining needed.
Despite the sub-optimal weld-like microstructure, as-built and/or heat-treated AM materials often have quasi-static [3] [4] [5] and dynamic properties [6, 7] that compare favorably with their traditional wrought counterparts. Although, post-mortem analysis of the dynamic failure tests on AM and wrought 316L material showed that the details of the failure were very different, the integrated response was very similar. [7] Thus, it is critical to understand both how the processing parameters control the microstructure in the as-built material and how the microstructure, in turn, controls the properties of the as-built material. AM processing parameters have a strong influence on component microstructure. Significant research is being performed to establish both empirical connections between the input parameters and the achieved microstructure and properties, as well as physics-based models to guide AM process optimization, e.g., Reference 8. The current work focuses on understanding how the unique microstructure produced by AM controls the resultant properties, in a specific case of laser-based directed energy deposition (DED) of 304L stainless steel.
In situ neutron and high-energy X-ray diffraction techniques have been developed over the last two decades to monitor the microstructure of materials during deformation, as well as other external perturbations. [9] [10] [11] [12] In particular, the development of internal strains, texture, and dislocation density can be determined during deformation and, when coupled with polycrystalline plasticity modeling, can yield significant insight into the deformation micro-mechanics. [13] In this study, we have deformed AM 304L stainless steel in situ while collecting neutron diffraction data in order to better understand the microstructural origins of the AM material's higher flow stress relative to that of traditional wrought materials. [3, 7] This work will drive future model development.
II. EXPERIMENTAL

A. Sample Preparation
Stainless steel 304L samples were deposited using a custom-fabricated, additive manufacturing system. [14] The chamber was purged with ultra-high purity argon during directed laser energy deposition to maintain oxygen levels below 110 ppm. An MBraun Model MB 200G gas purifier controlled the chamber atmosphere, and a General Electric CGA 351 zirconium oxide Oxygen Analyzer measured the gaseous oxygen levels. The laser light was delivered from an IPG Photonics Ò YLR-12000-L ytterbium fiber laser with a wavelength ranging from 1070 to 1100 nm. The light was delivered to the workpiece through a 600 lm diameter fiber into a copper-cooled reflective optics system. The collimator had a diameter of 49.5 mm and a focal length of 125 mm, while the focusing optics had the same diameter and a focal length of 600 mm. Reflective optics were utilized to avoid thermal lensing effects observed in the use of high power transmissive optics in other systems. [15] Powder was delivered using a Powder Feed Dynamics Mark XV Precision Powder Feeder to a custom-designed four-nozzle powder delivery system. Powder used for AM builds was Micro-melt 304L from Carpenter Powder Products with powder dimension specified as a range from 44 to 105 lm. The chemical composition of the powder is shown in Table I .
Two processes were used to deposit bars having dimensions of 2.5 9 2.5 9 10 cm. A laser power of 3.8 kW was utilized in the first process with powder flow rates of 23 g/min. This process implemented a parallel scan geometry, shown schematically in Figure 1 (a), with table speed set at~63.5 cm/minute, and the hatch spacing of adjacent scan lines within a given layer set at 1.925 mm. The laser scan direction was the X-direction. The resultant build rate was 1.27 mm/layer. The second process used a power of 2.0 kW and a crosshatch scan approach (Figure 1(b) ), which involved 90 deg rotated scan directions in alternating layers. Powder flow rates were 18 g/min, table speed was fixed at~50.8 cm/min, and the hatch spacing of adjacent scan lines was set at 1.925 mm. The latter process was characterized by a build rate of~0.89 mm/layer. The growth direction for both processes was labeled the Z-direction. In both processes, deposition generally involved placing a substrate at a location that was approximately 10 mm from the nozzle exits. This corresponds to the focus point of the powder flow. However, at this location, the laser beam is in a defocused position and has a measured beam diameter (1/e 2 ) of 4 mm. Previous characterization of the beam at this location using a PRIMES Ò Focus Monitor confirmed a Gaussian energy distribution and the aforementioned diameter.
For base lining, traditionally wrought 304L stainless steel samples were prepared. The wrought stainless steel samples were extracted from the center of a 10.2-cm diameter, cold finished, cylindrical bar with the sample straining axis parallel to the bar axis (Z-direction) as depicted in Figure 1 (c). The center of the wrought bar likely experienced little or no cold work judging from the low yield stress, broad elastic-plastic transition, and lack of crystallographic texture, to be shown later, and thus can probably be considered close to an annealed state. The composition of wrought and both forms of produced AM stainless steel were nearly identical, except the nitrogen level of the AM material was 0.08 wt pct, compared to 0.04 wt pct in the wrought material. Further details of the compositions of the AM and wrought samples are included in Table I .
Samples were prepared for preliminary microstructural analysis by first cutting using an abrasive saw with water coolant and then gentle grinding using SiC papers through 600 grit. Polishing started with 9 lm slurry and was followed by 3 lm and then 1 lm slurries to remove all evidence of the grinding and provide a low deformation surface. Final surface preparation was accomplished with electropolishing using a Struers LectroPol 5 polisher with an electrolyte solution consisting of 600 mL methanol, 360 mL ethylene glycol mono-butyl ether, and 60 mL perchloric acid (60 pct). Scanning electron microscopy (SEM) was performed on a Zeiss Supra-55VP field emission gun electron microscope and a K.E. Developments solid-state backscattered electron detector. Electron backscatter diffraction (EBSD) utilized a Bruker detector and Esprit software. The microscope was operated at 20 kV and with a beam current of 3 nA for EBSD. Table II lists the samples used in this study, including nomenclature, sample type, orientation, and location from within the parent material. Multiple parallel scan, crosshatch scan, and wrought samples (6 9 15 mm cylinders) were excised from their respective parent bars using electro-discharge machining (EDM) in order to measure their initial crystallographic textures as well as face-centered cubic austenite (d) and body-centered cubic ferrite (a) volume fractions prior to deformation. Samples in this condition were generically named W-U, P-U, and X-U. The first letter signifies whether the base material was wrought (W), parallel scan (P), or crosshatch scan (X) AM 304L stainless steel. The second letter (U) indicates that the specimen was undeformed when its texture and dislocation density were measured.
Six additional samples were created for in situ mechanical testing. One cylindrical tension sample and one compression sample each were EDM from parallel scan bars, crosshatch scan bars, and the wrought bar. After EDM from the parent bar, the samples were turned to final dimensions on a lathe. The compression samples had a diameter of 6.35 mm and length of 13.95 mm. The tension samples were made according to ASTM E8-R4 and had an initial gage length of 28.19 ± 0.12 mm and a gage diameter of 4.06 ± 0.05 mm. As shown in Table II , the six samples were named P-T, P-C, X-T, X-C, W-T, and W-C, where now the second letter denotes the sense of the deformation. Ex situ dislocation density measurements were completed on the samples in the undeformed state (U) as well as following tensile (T) and compressive (C) deformation.
Note, that these multiple samples made with the same parameters were not all taken from the same build, so AM build-to-build variations are potentially a concern in the results. Also, note in particular that sample X-C was cut with its loading axis parallel to the sample Z-direction (growth), while the other tension and compression samples were cut from the sample X-direction. Because of this, the results from the X-C in situ test will not be discussed because the extra variable only serves to obfuscate the results. However, measurements related to the dislocation density of X-C before and after deformation, as it relates to the flow strength, will be included. The sample orientation about the cylinder axis was not tracked through machining.
B. Neutron Diffraction
The in situ neutron diffraction measurements of the lattice parameter during compressive and tensile loading were performed on the Spectrometer for MAterials Research at Temperature and Stress (SMARTS) at the Lujan Center at the Los Alamos Neutron Science Center (LANSCE). High-statistics, high-resolution neutron diffraction measurements in the as-built and post-deformation conditions were also completed on SMARTS in order to carry out diffraction line profile analysis (DLPA). Finally, the crystallographic texture was determined in the as-built and post-deformation conditions on the HIgh-Pressure Preferred Orientation (HIPPO) diffractometer at LANSCE. Details of the SMARTS [16] and HIPPO [17] instruments are published elsewhere and only short descriptions are presented here. Figure 2 shows a schematic of the specimen, incident neutron beam, and detectors in the SMARTS diffractometer. LANSCE produces a pulsed (20 Hz) neutron beam via spallation reactions generated by collisions of 800 MeV protons with a tungsten target. The spallation neutrons are moderated by a 283 K (10°C) water moderator, creating a useful continuous wavelength spectrum from 0.5 to 4.0 Å . The neutrons travel down the incident flight path,~31 m long on SMARTS,~8 m long on HIPPO, to impinge on the sample. The length of incident flight path is one of the primary differences between the two instruments as it is the primary determinant of the flux on sample and resolution of the instrument. The long incident flight path makes SMARTS a high-resolution instrument suitable to measure the small changes in lattice spacing associated with elastic strains and diffraction line profile analysis, while HIPPO is optimized for high throughput and high time-resolution experiments. The second major difference between the instruments is detector coverage. Each instrument utilizes detector banks comprising many 3 He-filled aluminum tubes. But, whereas HIPPO has 27 detector banks located in three dimensions surrounding the sample to subtend roughly 30 pct of orientation space and covering 2h of 20 to 135 deg, SMARTS has just 3 detector banks, two at ±90 deg in the horizontal plane, and a high-resolution bank at 157 deg directly under the incident beam. [18] A purpose-built horizontal load frame was utilized on SMARTS to deform the samples in uniaxial tension and compression. A MoSi 2 lubricant was applied to the end of the compression samples to minimize friction between the sample and compression platens; no barreling was observed. The load frame crosshead displacement was measured at the actuator and an extensometer monitored the macroscopic engineering strain, e eng , across the gage length. The true strain was calculated as e t = ln(e eng + 1). The axial load P, measured by the load cell, was used with the undeformed cross-sectional area A to calculate the engineering stress with true stress given by r t = r eng (e eng + 1). The load axis was oriented at 135 deg relative to the incident beam such that the straining direction was parallel to one diffraction vector, Q| (À90 deg), and the transverse (or Poisson's ratio) direction was parallel to the other, Q^(+90 deg). [19] The ±90 deg detector banks span ±13 deg in the vertical and horizontal directions. For the compression samples, the incident neutron beam was collimated to 5 mm tall by 6 mm wide, whereas the longer gage section of the tensile samples allowed the incident beam to be expanded to 10 mm wide to optimize count times.
Slightly different control methods were used in the tension and compression tests. During compression tests, a high-resolution extensometer was utilized allowing the test to be completed in strain control. The engineering strain was increased incrementally throughout the test to a final value of roughly À11 pct. After each increment, neutron diffraction data were collected for roughly 15 minutes in order to determine the lattice parameters of both the austenite and ferrite phases in the AM material, specifically, with sufficient accuracy to calculate lattice strains. It was anticipated that higher macroscopic strains could be achieved during the tensile tests (~30 pct), necessitating the use of a lower resolution extensometer with greater range. This forced the tensile tests to be completed in crosshead displacement control, but otherwise the control protocol was identical to compression. The difference will be evident when comparing the flow curves. The strain rates were on the order of 2 9 10 À4 /s during the deformation increments.
C. Data Analysis and Interpretation
The diffraction patterns collected during deformation were analyzed with Rietveld refinement of the full pattern using the General Structural Analysis Software (GSAS) [20] to determine the lattice parameter, phase fractions, and peak variances in both measurement directions. Individual diffraction peaks were analyzed using the rawplot subroutine in GSAS to determine the interatomic spacings d of specific hkl crystallographic planes. Uncertainties reported in this paper are the statistical estimated standard deviations (esd) returned by GSAS, and thus ignore any potential systematic errors, for example from the sample physically moving during the deformation test. Quantitative diffraction line profile analysis was completed using the extended Convolutional Multiple Whole Profile (eCMWP) line profile analysis method. [21] Finally, the full orientation distribution function (ODF) was determined from the data collected on HIPPO using the e-WIMV software package. [22, 23] 1. Lattice strains The term ''lattice strain'' will be used, in general, to refer to elastic distortions of the crystal structure. The more specific terms ''phase strain'' and ''hkl-specific strain'' are defined as follows. The phase strains are determined uniquely for each phase from the volume averaged lattice parameter determined from Rietveld refinement to the entire diffraction pattern
where ph refers to the phase (austenite or ferrite), i refers to the sample direction as defined by the diffraction vector, and a i ph (r) is the lattice parameter determined at an applied stress r. Similarly, the hkl-specific strains are found from
where d i hkl represents the interplanar spacing along a specific plane normal (hkl) aligned with the diffraction vector. The reference lattice parameters/d-spacings (a 0 ph / d 0 hkl ) were taken to be those determined at a nominal holding stress of 10 MPa and used to calculate elastic strains throughout this work. Thus, the reference configuration is assumed to be free of residual lattice strains that may have been present following the processing of the sample. This is likely a good assumption in the case of the austenite as it is the predominant phase. However, due to the mismatch of thermal expansion [24] between austenite and ferrite, the minor ferrite phase must be in an initial state of residual stress and the strains/stresses calculated using the observed initial ferrite lattice parameter must be considered as increments from this state.
The interplanar spacings, d hkl i , were determined from the response of individual diffraction peaks in the austenite phase only. Each diffraction peak (hkl) comprises neutrons diffracted from a unique subset of grains from within the irradiated volume with a common orientation, defined by the specific plane normal being aligned with the diffraction vector. The diffraction vector is, in turn, determined by the instrument geometry. While the lattice strains are not directly related to plastic deformation, the hkl-specific strains, in particular, are sensitive to plastic deformation as the stresses on the distinct grain sets are redistributed based on the orientation of the active slip system relative to the orientation of the stress. When plasticity initiates in a grain family with a given orientation with respect to the load axis, the rate of increase of the elastic lattice strain in that family decreases markedly. Elastic accommodation of strain is replaced by plastic mechanisms. In the case of perfect plasticity, i.e., no hardening, the lattice strain saturates, and the stress vs lattice strain curve becomes vertical. Once (perfect) plasticity is initiated in a grain family, no further increments of stress will be supported by said grain family and other grain families respond by bearing a larger incremental load, and thus, increased incremental lattice strains, resulting in an apparent reduced modulus in the grain orientations that remain elastic.
The phase strain e i ph can be used to calculate the phase stress r i ph . Treating each phase as an isotropic linear elastic material, the phase stress [25, 26] is:
where E is Young's modulus and m is Poisson's ratio. [27] Herein, the two transverse strain components, e ph 2 and e ph 3 , are assumed to be equal, that is, symmetric about the loading direction. The phase strain and phase stress capture the average phase response, because a i ph and a 0 ph are determined by whole pattern Rietveld refinement, which effectively averages over all grain orientations. [25, 26] Note, that it is not advisable, in general, to calculate stress from the hkl-specific strains because there is no way to uniquely associate a strain measured from a set of grains in the straining direction with one in the transverse direction. For example, strains measured in longitudinal (111) grains and transverse (111) grains come from mutually exclusive grain sets. Thus, a stress calculated from these strain measurements does not represent a stress in any single set of grains that actually exists. To calculate stresses from polycrystalline diffraction measurements, one implicitly assumes that the lattice strains are representative of the bulk response, so that measuring in two distinct sets of grains is acceptable. This is a good assumption when the strains are determined from the lattice parameters (a i ph ) [25, 26] and with specific grain orientations in cubic materials (e.g., (311) in fcc steel) and is the basis of residual stress measurements with neutron diffraction. [28, 29] However, most low-order orientations, such as the (111) and (200) in fcc steel, patently do not represent the bulk response, [30, 31] and should not be used to calculate any meaningful stress.
Line profile analysis
While plastic strain does not directly change the diffracted peak position (the elastic strain), it manifests as increases in peak breadth. Time-of-flight (TOF) profile function 1 in GSAS was used to fit the in situ diffraction data collected in this study. The interpretation of the profile parameters is discussed in detail in the GSAS manual, [32] and only a short description relevant to the peak broadening is given here. Profile 1 assumes a peak profile that is a convolution of two back-to-back exponentials (describing the neutron source) with a Gaussian line shape defined by
where DT is the difference in time-of-flight between the reflection position and the profile point. The variance of the Gaussian profile is given by s 2 which is a function of d-space:
where, for simplicity, anisotropic peak broadening has been ignored. It is important to note that s is fit over the entire profile, and is not specific to any (hkl). To generalize, strain broadening and instrumental resolution contribute to s 1 , and crystallite size broadening to s 2 . [32] With the relatively poor peak width resolution of the ±90 deg detector banks on SMARTS, crystallite size broadening would only be observable with very small (sub-micron) size crystalline domains. Also, the crystallite size is not expected to change significantly during the deformation tests, and thus s 2 was held fixed at zero. The fractional full width at half maximum is determined from
where s 1i represents the instrumental resolution and C is a diffractometer constant. [32] C is often referred to as ''microstrain'' or ''intragranular strain,'' depending on the audience, and is due to a local distribution of interatomic spacings associated with defects, such as dislocations, or other heterogeneities.
The in situ measurements were not carried out with the intent of completing line profile analysis. As such, a sufficient measurement of instrumental resolution of the ±90 deg detector banks, which must come from a standard sample in the exact geometry as the tensile and/or compressive sample was not collected. Moreover, the tension and compression samples had significantly different geometries (diameters and gage lengths) meaning the instrumental line shape differs. Thus, while C was monitored and interpreted qualitatively to gain insight into the microstructure, quantitative microstructural analysis from the broadening of the in situ data was not attempted.
For the purposes of quantitative line profile analysis, high statistical quality, high-resolution data were collected on the SMARTS high-angle detector bank before and after deformation (ex situ). For comparison, the in situ data collected in the ±90 deg banks were counted for 10 minutes, while the DLPA data were collected on the high-angle bank for 6 hours. Correspondingly, patterns from silicon powder standards matching the deformation sample geometries, both tension and compression samples, were recorded in the high-angle bank to define the instrumental line shape. These datasets were analyzed for dislocation density and coherent crystal size using the extended eCMWP line profile analysis method. [21] The methodology of the employed diffraction line profile analysis procedure is the following: theoretical profile functions are calculated as the convolution of the theoretical size, strain (dislocation), and planar fault profiles and measured instrumental profiles which have the characteristics of the microstructure as parameters. These theoretical profiles are based on physical models, which describe the effect of size, dislocations, and faulting on the shape of the diffraction profiles. [33] The theoretical profile functions are fitted to the full measured pattern by a non-linear, least-squares algorithm and thus the parameters of the microstructure are determined. [21] The dislocation density, q, the coherent crystallite size X A , and the Wilkens M factor [34] were determined where possible from diffraction data collected in the high-angle, high-resolution, detector on SMARTS. In some cases, where the coherent crystal size is high and the dislocation density low, i.e., the peak breadth was at or near the instrumental resolution, the M factor had to be held fixed in these cases or the fit procedure was unstable. It is noted that in metals, the coherent crystallite size X A , typically corresponds to the dislocation-cell size within the grains, not the grain size itself [35] nor the sub-grain size evident in the EBSD. It is important to state that the DLPA analysis was done ''blind.'' That is, the analysis was completed only with the knowledge of the diffraction pattern run number, with no knowledge of the link between run number and sample condition.
III. RESULTS
A. As-Deposited Microstructure Figure 3 shows EBSD maps of the (a, b) wrought 304L steel and AM materials from the (c, d) parallel and (e, f) crosshatch scan bars at two length scales. The wrought steel is predominantly austenitic with a small volume fraction of ferrite stringers aligned with the axis of the wrought bar (the Z-direction). The austenite grain structure is equiaxed with~25 lm average grain size. Small annealing twins are apparent at larger magnification. The AM material has a unique and larger scale grain structure. While the grains are large, there is considerable sub-grain structure with mosaicity apparent at higher magnification. In this case, finely dispersed ferrite lies along austenite sub-grain boundaries; the morphology of the ferrite in the parallel and crosshatch scan material is distinct. The loading direction of the wrought samples was in the Z-direction (left-right in the Figure 3) . Three of the four AM samples (X-T, P-T, and P-C) were loaded in the X-direction (out of the plane of the EBSD maps). The fourth AM sample (X-C) was loaded along the indicated Z-direction. Figure 4 shows diffraction patterns collected in the +90 deg detector from an AM sample (P-C) and wrought sample (W-C) while mounted on the load frame on SMARTS at the nominal holding stress prior to deformation. Only subtle differences in the pattern are apparent at this scale. A change of texture is manifested in the different relative peak intensities of the austenite (d). Also, diffraction peaks from ferrite (a) are evident in the pattern from the AM material at 2.03 Å (110), magnified in the inset, and 1.17 Å (211). No diffraction peaks from the ferrite were observed in the wrought material by any of the neutron techniques, suggesting an upper bound to the ferrite weight fraction of~0.01 (depending on the size and microstrain in the ferrite).
The ferrite weight fraction and texture were determined on seven unique samples each n removed from parallel, P-U, scanned bars (3.8 kW laser power) and crosshatch, X-U, scanned bars (2.0 kW laser power). Except for a sample taken from the starting end of a build, the texture and ferrite weight fractions were within measurement uncertainty for each sample type. A slightly weaker texture, but same ferrite fraction, was observed in the sample extracted from the starting end of the bar. All of the ferrite weight fractions determined from the parallel scan material (3.8 kW) were between 0.030 and 0.034 with an average of 0.0321 and standard deviation of 0.0015, which represents a combination of the uncertainty in the analysis and variability of the material. For comparison, the ferrite fractions determined in the crosshatch scan material (2.0 kW) ranged from 0.020 to 0.023 with an average of 0.0219 and standard deviation of 0.001.
Analysis of the SMARTS diffraction patterns results in ferrite weight fractions of~0.025 in the AM material. The SMARTS data cannot fully account for texture as it only samples a small portion of sample orientation space. Thus, the volume fractions determined concurrently with the full ODF collected on HIPPO should be considered as the more accurate. Measurements with a ferrite scope also resulted in roughly 0.025 ferrite in both builds of AM material in good agreement with the diffraction data, but indicated 0.018 ferrite in the wrought material. Based on the signal/noise ratio in Figure 5 shows the macroscopic compressive and tensile stress/strain curves, respectively, of the wrought and AM 304L materials. The tension tests continued tõ 32 pct true strain, but the axis is held fixed at 12 pct to allow for direct comparison with the compression results. The stress drops are due to relaxation during the neutron diffraction data collection periods.
B. Mechanical Response
The yield strength of the wrought material, defined by the departure from linear elastic deformation, is independent of the sense of deformation, occurring at roughly 150 MPa in tension and compression. By comparison, the yield strength of the AM material is roughly 200 MPa higher and the hardening rates are similar, such that the large separation in flow strength decreases only slightly with increased strain through the duration of the in situ tests. The distinct deposition protocols (power and hatching) appear to have no significant effect on the flow strength in this regime. A subtle asymmetry between the compressive and tensile flow strength is apparent in the parallel AM material, which is absent in the wrought material. At any given strain, the flow strength of the AM material is~50 MPa higher in compression than in tension.
C. Microstructural Evolution
Texture evolution
Pole figures projected from the full ODF determined on HIPPO representing the pre-and post-deformation textures of the austenite in the wrought and AM stainless steels and ferrite in the parallel and crosshatch AM stainless steel are shown in Figures 6, 7, and 8 , respectively. The texture of the austenite in the wrought steel (W-U) shown in Figure 6 (a) is nearly random. In contrast, the texture of the austenite and ferrite in the crosshatch scanned AM material (X-U) shown in Figure 7 (a) is moderately strong, peaked at~3 multiples of random density (MRD) in the austenite. Unsurprisingly, the texture is stronger still in the parallel scan material (P-U) shown in Figure 7(a) , reaching a maximum pole density of~6 MRD in the austenite. Moreover, there is a strong orientation relationship between the austenite and ferrite with 200 ð Þ A == 200 ð Þ F in the parallel scan material, less so in the crosshatch material. It is worthwhile noting that the dominant texture component, more obvious in the parallel scan material, is not aligned precisely with the laser scan direction, but is canted by as much as 20 deg.
Following tension, in all cases a primary (111) texture component as well as a lesser populated (200) component develops in the austenite parallel to the tensile direction, as expected for slip in an FCC material on the (111)h110i slip system. [36, 37] While the deformation texture of the wrought material remains axisymmetric after tensile deformation ( Figure 6(b) ), that of the AM material is not-symmetric about the loading direction (Figures 7(b) and 8(b) ) and, presumably retains a memory of the asymmetric as-built texture. [37] The ferrite tensile deformation texture is better developed in the crosshatch material, where the initial texture is weaker than in the parallel scan material. In the crosshatch AM material shown in Figure 8(b) , the ferrite develops a (110) texture component parallel to the tensile axis, again as expected for slip in a BCC material on the (110)h111i slip system. [36, 37] In the parallel scan material, the ferrite texture is trending towards a (110) orientation, but a true (110) component is not quite developed.
Following compression, the austenite in the wrought material develops a (110) texture component, once again as expected. [36, 37] The austenite phase in the parallel scan AM material likewise develops a (110) component, although it is a bit obscured by the relatively strong as-built texture. In contrast, the texture of the ferrite in the parallel scan material evolves very little from the as-built state following compression, which is distinct from the behavior in tension. Figure 9 shows the evolution of the diffraction peak width, C (Eq. [6] ), as a function of enforced tensile (solid symbols) and compressive (open symbols) strain, where the sign of the compressive strain has been reversed for comparison sake. The instrumental resolution has not been removed. The initial difference between tension and compression samples of the same material is due to the different incident beam size on sample. Clearly, in the initial state the peaks from the AM material are broader than the wrought material. In all samples, the peak variance increases monotonically with plastic strain. While not shown, the variances of several (5) single peaks were determined as well and, in each case, the single peak variances were greater in the AM material than the wrought material. Figure 10 (a) shows phase r t vs e ph i plots in the austenite during compressive and tensile deformation of the wrought material. The signs of the stresses/strains have been reversed for data taken during compression to ease comparison. The dotted horizontal line represents the elastic limit of the material. The slopes of the longitudinal and transverse strains in the elastic region correspond to elastic moduli of 201 GPa and Poisson's ratio of 0.28, roughly what is expected for single phase austenitic stainless steel. [38] There is no observable non-linearity in the lattice strains near the macroscopic yield point. Beyond,~300 MPa, the slope of the curves in both tension and compression begins to increase slightly. In particular, at large tensile strains, the phase strain begins to curve upward slightly, increasing in slope to 313 GPa over the final 4 points and unloads with a slope of 223 GPa (not shown for clarity). The increase of modulus during unload is likely due to the evolution of the (111) texture at high tensile strains, [11, 39, 40] while the larger increase during loading above 600 MPa suggests that stress is being shed from the portion of the material being probed by diffraction to some other portion of material (e.g., grain or sub-grain boundaries or possibly ferrite that is not observed in the diffraction pattern). Once plasticity initiates, the longitudinal responses of the two phases deviate from linearity, although the deviation of the austenite is subtle on the scale of the plots. In the parallel scan material (P-C and P-T), the longitudinal ferrite strain tracks closely (near uncertainty) with the austenite strains. In contrast, during tensile deformation of the crosshatch material, the ferrite strain increases at an increased rate beyond 300 MPa. Again, while subtle on this scale, the austenite longitudinal strains deviate concomitantly with and in opposite direction to the ferrite strains.
Peak variance
Phase strains
The deviation from linearity of the strains in both phases is much more marked in the transverse direction. During compression, the transverse strains in the ferrite increase rapidly (in a tensile sense) above the yield point. The transverse austenite strains saturate (become vertical) at this point. During tensile deformation beyond the yield point, the ferrite transverse strains also deviate markedly from linearity in a tensile sense and the slope of the austenite strains decreases. The asymmetry of the ferrite transverse response is notable. In particular, under both compressive and tensile uniaxial loading, the ferrite transverse strain increases markedly in a tensile sense beyond yield. Figures 11(a) and (b) show the longitudinal austenite hkl-dependent strains in the (a) wrought and (b) parallel scan materials as a function of applied compressive and tensile stress. Single peak fitting of the ferrite was not completed because of the statistical quality of the ferrite peaks. For brevity, the data from the X-T sample are not shown (because the corresponding X-C version is lacking), but are very similar to the P-T case. Again, the sign of the stress/strain of the compressive tests have been reversed for ease of comparison.
hkl-Specific strains
In all cases, regardless of the sense of the deformation, the spread in the strains below the elastic limit are due to the known elastic anisotropy of austenitic steel. [11, 39, 40] Specifically in tension, beyond the elastic limit, the rate of increase of lattice strains in grains with their (220) and (111) plane normals parallel to the straining direction decreases with increments of stress. This indicates that those grains are relaxing, i.e., deforming plastically, and fail to carry their portion of subsequent increases of the applied stress. In contrast, the (200) oriented grains accumulate strain at an increased rate, indicating that this family of grains carries the load shed from the (220) and (111) grain sets. This situation continues to the completion of the tensile tests. The observed load transfer amongst the different grain orientations in tension is the signature of the (111)h110i slip system and the pattern is well produced by elastic-plastic self-consistent (EPSC) models which include grain rotation. [38] The orientation dependent strains observed in compression are markedly different, especially in the AM material. In particular, during the elastic-plastic transition at roughly 450 MPa, the strain in the (200) oriented grains saturates, becoming nearly vertical. That is to say, the (200) grains begin deforming plastically. The (311) grain set responds similarly, if to a lesser degree. In response, the (220) and (111) oriented grains again begin accumulating elastic strain supporting subsequent increases in stress. This response is clearly distinct from that observed in tension and can only be reproduced by the EPSC model [38] by altering the elastic anisotropy, i.e., by making the (200) grains the stiffest, which is non-physical. This indicates that a relaxation mechanism is active in (200) oriented austenite grains under compression other than the (111)h110i slip system, but does not yet suggest what that mechanism is, e.g., slip on a distinct system, twinning, transformation, fracture, etc.
We note that a similar, but more subtle difference between tension and compression in the wrought material is also observed. Here, the increase in slope of the (200) strains is very gradual and the slope never increases beyond that of the elastic response. The respective tension vs compression differences in the (311), (220), and (111) oriented grains are not outside of the uncertainty bounds. Although the difference between the (200) strains during compression and tension of the wrought material is outside of the uncertainty bounds, that subtle difference may well have not been noticed without the AM material tension vs compression difference as a guide.
IV. DISCUSSION
There is a significant difference in flow strength, roughly 200 MPa, between the wrought 304L steel and its AM counterpart. This is especially surprising given that the Hall-Petch relation predicts smaller flow strength with increasing grain size, and the AM grains are one to two orders of magnitude larger than the wrought grains. Moreover, a more subtle difference is observed specifically in the initial hardening of the AM material between tension and compression; the flow strength is roughly 50 MPa higher in compression. The results from the in situ neutron diffraction measurements allow us to look for the microscopic origins of these macroscopic discrepancies.
To aid in comparisons between the macroscopic and microscopic, the evolution of the austenitic and ferritic phase stresses during deformation can be calculated from the measured phase strains, Eq. [3] . To demonstrate this on the simplest case, Figure 12(a) shows the measured macroscopic stress (solid line) plotted with the austenitic phase stress in the longitudinal (solid circles) and transverse (open circles) directions during compressive and tensile deformation of the wrought material. Because the material is single phase (to our measurement certainty), the austenite phase stress should be equivalent to the macroscopic applied stress in the longitudinal direction and zero in the transverse direction. During the entire compression test and tension test to~20 pct true strain, the longitudinal phase stress determined from diffraction compares very well with the macroscopic stress measured by the load cell and the transverse phase stress is near zero as expected. Beyond 20 pct tensile strain, the phase stress begins to deviate from the expected values. This is likely related to the evolution of the predominantly (111) texture at large tensile strain (Figure 6 ), creating an anisotropic polycrystalline aggregate with an effective modulus that is larger than the modulus of a random polycrystal. [38] That increased modulus is not accounted for in the calculation of the stress from the phase strains, resulting in them being low. Figures 12(b) through (d) likewise show the evolution of the macroscopic and phase stresses (austenite and ferrite) during deformation tests of the AM material. We note that we have assumed transverse symmetry in Eq. [3] , i.e., that the strains in the transverse directions are the same. But in the case of the AM materials, the textures are not axisymmetric about the loading direction, making this assumption questionable. While not shown, in general the weighted sum of the austenitic and ferritic longitudinal stresses (0.97r 1 a + 0.03r 1 f ) closely matches the applied stress reported by the load cell. Also, the weighted transverse stresses are near zero in all cases. Thus, we believe that inaccuracies due to the lack of symmetry in the texture are not significant.
It is clear that the austenitic phase in the AM material is able to carry more stress then its wrought counterpart. At 11 pct true strain, the austenite in the wrought material supports roughly 400 MPa in tension and compression. In comparison, at 11 pct true strain in the parallel scan material the austenite supports greater than 560 MPa in tension and compression and the crosshatch material roughly 450 MPa in tension. During tensile deformation, the ferrite supports more load then the austenite matrix. In compression, however, the ferrite sheds load beyond the yield point and carries very little stress beyond À4 pct This suggests that ferrite strengthens the AM material in tension, but not in compression.
We first consider the difference in nitrogen content of the wrought and AM material as a source of strengthening of the austenite. A difference in nitrogen concentration of 0.08 wt pct for the AM 304L vs 0.04 wt pct in the wrought is considered significant. Nitrogen acts both as an austenite stabilizer as well as a potent solid solution strengthener. [41, 42] The initial yield strength r y at room temperature is linearly dependent on the weight fraction of nitrogen f N according to r y ¼ r 0 þ kf N ; where r o is the nitrogen-free yield strength, and k is an empirical constant. A literature review of several studies of nitrogen in austenitic stainless steels [42] found that k varied from 310 to 710 MPa. Adopting k ¼ 710 MPa to be conservative, a change from 0.04 to 0.08 pct nitrogen should increase the yield strength by only 28 MPa. Thus, nitrogen is not the dominant cause for the~200 MPa increase in strength.
Given the increased peak breadths observed in the as-built AM material, it is natural to consider increased dislocation density as the source of the difference in strength between the wrought and AM material. Table III shows microstructural parameters determined ex situ from DLPA on the wrought and AM material before (W-U, P-U, and X-U) and after (W-T, W-C, P-T, P-C, X-T, X-C) deformation using the high-resolution detector on SMARTS. The coherent crystallite size (X A ) and dislocation densities (q) in the as-received wrought material are near the detection limits of the technique. Thus, the M factor had to be held fixed in these cases or the fit procedure was unstable. In each case, good agreement in the microstructural parameters is observed between samples of the same type (W, P, or X) but with different geometry (T/C), i.e., different diameter. The AM material shows both significantly smaller crystallite size (sub-grain size) and an order of magnitude higher dislocation density, relative to the wrought material. Somewhat larger crystallites and lower dislocation density are observed in the two materials made with reduced power, 2 kW, and crosshatch (X) scanning relative to the parallel (P) scan material built at 3.8 kW.
Following deformation, reduced crystal size and increased dislocation density are observed in all of the materials, wrought or AM, as expected. However, at common magnitudes of strain (nominally À11 pct in compression, 32 pct in tension), the AM material continues to exhibit smaller crystallite sizes and larger dislocation densities than the wrought material. As one expects the flow strength to increase with increased dislocation density [43] and with decreased crystal size, [44, 45] this is consistent with the observation that the flow stress of the AM material remains significantly higher than that of the wrought material throughout the in situ tests. As noted in the presentation of Figure 5 , the difference in flow strength of the wrought and AM material decreases only slightly throughout the extent of the current tests. Figure 13 shows the flow strength of the various samples as a function of the square root of the observed dislocation densities. Plotted as such, the data collapse onto a single line that represents the Taylor equation, [43] 
where r f is the flow stress, r c is an empirical constant, T = 3 is the Taylor factor, [43, 46] l = 78.0 GPa is the shear modulus [47] ), b = 2.58 Å is the length of the Burgers vector for the h111i{110} slip system. [48] The factor a describes the strength of the obstacles that a moving dislocation has to overcome during plastic deformation. For metals, the value of a is roughly 0.3.
[49] Note, we have included in Figure 13 (and Table III ) results from the X-C sample (whose compression axis was cut from the Z-direction) because there is no inherent directionality in the Taylor equation. From the slope of the fit and the above parameters, a reasonable value of a = 0.19 is determined. The quality of the fit in Figure 13 strongly suggests that the increased flow strength of the austenite in the AM material is primarily controlled by the increased dislocation density.
The macroscopic tension-compression asymmetry in the elastic-plastic transition of the AM material is more subtle and less easily understood. Macroscopically, the flow strength is 50 MPa higher in compression that tension. Microscopically, the transfer of stress to the ferrite during the elastic-plastic transition is distinct during tensile and compressive deformation; in tension the ferrite is a strengthening phase, in compression it sheds all load. The texture evolution of the ferrite was also observed to be distinct in tension and compression. The ferrite deformation texture following tension is consistent with plastic flow on the (110)h111i BCC slip system. In contrast, the ferrite texture evolved very little from the as-built texture following compression, suggesting that the same plasticity was not induced in the ferrite during compression. Finally, the orientation dependent response of the austenite during the elastic-plastic transition was also noted to be asymmetric with respect to tension and compression, Figure 11 . Specifically, saturation of strains in (200) oriented grains during compression indicates activation of a relaxation mechanism that is not activated during tensile deformation and cannot be reproduced by an EPSC model accounting for only (111)h100i slip. [38] The most obvious source of asymmetry between tension and compression is thermal residual phase stresses due to the mismatch of thermal expansion between the ferrite and austenite. The bulk averaged residual phase stress on the majority phase, the austenite, should be minimal. In contrast, the minor ferrite phase must be in a state of significant hydrostatic compression as the austenite contracts nearly twice as much on cooling. [24] The residual phase stress biases the ferrite, altering the interaction (e.g., load transfer) between austenite and ferrite in tension and compression resulting in the observed anisotropic macroscopic and microscopy response. While we recognize that samples were removed from different AM bars and different locations within the bars, we do not believe this variation could be responsible for all of the observed differences.
Also to be considered is deformation twinning, which is orientation dependent and polar (acting only in tension or compression along specific directions [50] ) and the (111)h112i system has been observed in high-nitrogen 304LN stainless steels. It is noted that the AM stainless steel 304L studied here has a N concentration that is roughly double that of the wrought (0.08 vs 0.04 wt pct as listed in the Table I ) though still a bit less than that of 304LN stainless. Nevertheless, due to the higher symmetry of the face-centered cubic steel crystal structure, the characteristic texture signature of deformation twinning that is so easy to observe in textured hexagonal metals, e.g., Reference 51, is unlikely to be observed in this material. Finally, a very small increase in the ferrite phase fraction was observed with large tensile strains, suggesting that stress-induced phase transformation does not play a significant role in the deformation.
V. CONCLUSIONS
In situ neutron diffraction measurements were completed during deformation of wrought and AM 304L stainless steel. The AM material was observed to be significantly stronger (~200 MPA) than the wrought counterpart. Moreover, an asymmetry in the flow stress of the AM material in between tension and compression was also observed. The in situ diffraction measurements provide a view into the microstructure and help elucidate the potential microscopic origins of these macroscopic observations.
The diffraction measurements separate the response from the constituent phases (austenite and ferrite) and show clearly that the austenite supports more stress in the AM material than in the wrought material. The enhanced strength of AM material relative to the wrought is primarily due to higher initial dislocation density in the austenite following the build. The austenite dislocation density and the macroscopic flow stress were determined on two wrought samples and four AM samples before and after deformation. A 650 MPa range of flow stresses was well captured by the Taylor equation, strongly suggesting that dislocation density determines the flow strength.
The difference in flow strength of the AM material in compression vs tension is less easily understood. The tension/compression asymmetry could be due to differences between the samples (build and position in build), but again, microstructural effects are observed that are also asymmetric with respect to tensile and compressive deformation, suggesting that they are the microstructural cause of the macroscopic observation. Specifically, the transfer of load to the ferrite precipitates during the elastic-plastic transition is distinct between tension and compression. Also, a mechanism enabling relaxation of austenitic (200) oriented grains is active during the elastic-plastic transition in compression, but not in tension. The proximity of these asymmetric events suggests that they are causally linked, with the most likely cause the presence of a large thermal residual phase stress in the ferrite, which has a significantly smaller thermal expansion than the austenite. wholly owned subsidiary of Lockheed Martin Company, for the United States Department of Energy's National Nuclear Security Administration under Contract DE-AC04-94AL85000.
